High-entropy alloys offer a promising alternative in several high-technology applications concerning functional, safety and health aspects. Many of these new alloys compete with traditional structural materials in terms of mechanical characteristics. Understanding and controlling their properties are of the outmost importance in order to find the best single-or multiphase solutions for specific uses. Here, we employ first-principles alloy theory to address the micro-mechanical properties of five polymorphic high-entropy alloys in their face-centered cubic (fcc) and hexagonal close-packed (hcp) phases. Using the calculated elastic parameters, we analyze the mechanical stability, elastic anisotropy, and reveal a strong correlation between the polycrystalline moduli and the average valence electron concentration. We investigate the ideal shear strength of two selected alloys under shear loading and show that the hcp phase possesses more than two times larger intrinsic strength than that of the fcc phase. The derived half-width of the dislocation core predicts a smaller Peierls barrier in the fcc phase confirming its increased ductility compared to the hcp one. The present theoretical findings explain a series of important observations made on dual-phase alloys and provide an atomic-level knowledge for an intelligent design of further high-entropy materials.
explore the mechanical properties of these polymorphic HEAs in both the fcc and hcp phases. However, difficulties in preparing pure phase samples have largely prevented the experimental characterization of the individual phases in dual phase HEAs hitherto, and a comparison of the mechanical properties of the two phases is still lacking. Here, using first-principles simulations, we compare for the first time the elastic properties and intrinsic shear strength of five polymorphic HEAs, namely, Cr 25 Co 10 , in their fcc and hcp phases. These five 3d transition metal HEAs were successfully synthesized, and their magnetic properties were characterized 6, 12, 23, 24 . Using the obtained shear strength, we lend fundamental insight into the half-width of the dislocation core that is involved in studying the plastic deformation behavior of these materials.
Results and Discussion
Lattice parameters. Table 1 lists the calculated equilibrium lattice parameters as well as available theoretical and experimental data [18] [19] [20] 25 . For the fcc phase, we can see that our values are very similar to the presented theoretical data calculated by the Vienna ab initio simulation package (VASP) using special quasi-random structures 25 . Both theoretical results are in good agreement with the experimental values 20, 25 . For the hcp phase, our data agree well with the available experimental data [18] [19] [20] .
Elastic properties. For a cubic crystal, there are three independent single-crystal elastic constants, i.e., C 11 , C 12 , and C 44 . However, for a hexagonal solid, this number increases to five, namely C 11 , C 12 , C 13 , C 33 , and C 44 . In addition, C 66 = (C 11 −C 12 )/2 holds. The obtained elastic constants for the five considered HEAs in their fcc and hcp phases are presented in Table 2 . We find that both the fcc and hcp phases of all considered HEAs are elastically stable at zero temperature and pressure judged from the Born criteria 26, 27 . The elastic stability is consistent with their experimental observations at zero pressure and room temperature 6, 12, 18, 19 . Moreover, it was found that our obtained elastic constants for Cr 25 Using the obtained elastic constants, we calculated the single-crystal Young's modulus E in several high-symmetry directions and determined its anisotropy characterized by the anisotropy factor f E defined in refs 29, 30 . f E can be obtained from the following equations, 
A larger deviation of f E from 1 indicates a larger dependence of E on the loading direction.
For the fcc phase, we can see from We derived the polycrystalline Young's modulus E, bulk modulus B, and shear modulus G employing the calculated single-crystal elastic constants, which were determined using the Voigt-Reuss-Hill average method 31 . Fig. 2 displays the polycrystalline moduli as a function of average valance electron concentration (VEC). From Fig. 2 , we can see that all the moduli of the five HEAs in the hcp phase decrease with increasing VEC, and the variations are 38% ∼ for G, 36% ∼ for E, and 26% ∼ for B. Turning to the fcc phase, it can be seen that E and G reduce until the VEC reaches ≈ 8, then both slightly increase. We find that the decreases are about 20% and 16% for G and E, respectively. Nevertheless, for B, the variation is very small when the VEC is lower than 8, but it exhibits a large increase when the VEC approaches 8.25. Comparing these two phases, we observe that all presented HEAs in their hcp phase have larger E, B, G than in their fcc phase when the VEC ≤ 8. Interestingly, fcc Cr 25 Fe 25 Co 25 Ni 25 with a VEC of 8.25 has larger moduli compared with its hcp phase.
To get further insight into the elastic anisotropy in these HEAs, we compare the fcc and hcp phases. To this end, we employ a universal elastic anisotropy parameter A u . Different from other anisotropy indicators, such as the commonly used Zener anisotropy ratio 32 , A u allows direct comparison of the anisotropy of different crystal structures and is defined as 33 .
Here, the indexes V and R denote averaging through the Voigt and Reuss methods, respectively. It should be noted that G G Ni 20 has the largest one. This trend reflects that of f E fcc . For the hcp phase, A u is close to zero and increases with increasing VEC. Comparing the two close-packed phases, we conclude that the fcc structure is elastically more anisotropic than the hcp structure. This result confirms two previous findings for elements and binary alloys, namely that for the same material, the anisotropy of the fcc phase exceeds that of the hcp phase 35 , and the hexagonal crystal class is the class with least A u 33 .
Ideal shear strength. The elastic constants and polycrystaline moduli considered so far describe the mechanical properties of materials in the small deformation region, where the stress-strain relations are linear. In the following, we go beyond the linear elasticity regime and consider the resistance of the ideal fcc and hcp single crystals against shear within the (111) and (0001) planes, respectively. The ideal strength is the applied stress at which a perfect crystal becomes mechanically unstable. It is an intrinsic property of a material and can provide insight into the correlation between chemical bonding and crystal symmetry. The ideal strength has been accepted as a mechanical parameter for the design of high performance materials [36] [37] [38] . It has been demonstrated that the measured strengths approach the strengths obtained from first-principles electronic structure calculations in some cases [38] [39] [40] [41] [42] , e.g., for whiskers. In this work, we selected two HEAs in the hcp structure, i.e., Cr 20 43 . It should be noted that the chosen shear systems in the fcc and hcp structures are equivalent, see Fig. 3 and discussion below. A monoclinic computational cell was employed to model the affine shear deformation, which is displayed in Fig. 3(a) . The shear stress τ(γ) is given by
where E is strain energy per atom and Ω(γ) is the volume at each shear strain γ defined as the ratio of displacement along the [1010] direction to the height of the unit cell. The first maximum on the stress-strain curve Eq. (4) determines the ISS τ m with corresponding engineering maximum shear strain γ m . Here, two modes of shearing were considered 44 : (i) no relaxation is allowed after shearing; (ii) relaxation is allowed after each shear step, the Ni 20 in the hcp phase is more than two times larger than that in the fcc phase (4.4 GPa) 43 , see Fig. 3(c) . Moreover, compared to the fcc phase, the relaxation effect on the ISSs is less pronounced in the hcp phase, see Fig. 3(c) .
The differences in the ISS can be explained as follows. Upon affine shear deformation, atoms in a close-packed layer gradually move over those in subjacent layers; see Fig. 3(a) and (b) . For both the hcp and fcc structures this process involves atoms in two types of (1120) and (110) planes, respectively. An atom moving over another atom (in adjacent close-packed layers) leads to a steeper increase in energy when they are located in the same type of (1120) or (110) plane than when they are located in the other type of (1120) or (110) plane. This is plausible since in the former case the two atoms directly move over one another, while in the latter case they are shifted by 1/2 [1120] or 1/2 [110] . In the case of shearing the hcp unit cell, an equal number of atoms moves over atoms located in the same type of (1120) plane and located in the other type of (1120) plane. This atomic displacement is independent of the shearing direction, i.e., [1010] and [1010] are equivalent; see Fig. 3(a) . When shearing the fcc structure in the [112] direction, all atoms located in one type of (110) plane move over atoms located in the other type of (110) plane, whereas for shear in the opposite, [112] direction all atoms located in one type of (110) plane move over atoms located in the same type of (110) plane. This leads to a steeper increase in energy and larger stress for shear in the [112] direction (hard direction, m hard τ ) than for shear in the [112] direction (soft direction, m soft τ ). Due to the ABAB stacking sequence, the shearing of the hcp structure may be viewed as being the intermediate case between these two limits. Thus, it is expected that the energy raises more rapidly (less rapidly) as a function of shear strain than in the soft (hard) direction of the fcc structure and the maximum shear stress is approximately given by the arithmetic average, ( ) .
Half-width of the dislocation core. It has been recognized that the half-width of the dislocation core ζ plays an important role in the prediction of the Peierls stress 46 . The half-width of the dislocation core ζ may be derived using the calculated ISS based on the following equation 46 . where b is the magnitude of the Burgers vector, and K is the energy factor of the dislocation. Here, we consider an edge dislocation in the basal plane (0001) with dislocation line along the [1010] with
11 33 1/2 = .
The derived ζ are 1. Ni 20 , ζ of an edge dislocation having a (111) glide plane with dislocation line along the [110] direction was calculated previously 43 . It should be noted that the chosen edge dislocation configurations in the fcc and hcp close-packed planes are equivalent. Compared with the ζ of the hcp phase, the ζ of the fcc phase (3.89 Å) turns out to be more than two times larger. According to the Peierls-Nabarro model, a wider dislocation core combined with a similar Burgers vector leads to a reduced Peierls barrier 48 . This result indicates that the fcc phase is more ductile than the hcp one.
Conclusion
In summary, a detailed first-principles investigation of the mico-mechanical properties of five polymorphic HEAs alloys in their fcc and hcp phases was presented. From the obtained elastic constants, it was found that all considered HEAs are elastically stable in both phases. We found that the polycrystalline moduli B, G, and E of the considered HEAs in the hcp phase decrease with increasing the VEC. The biggest and smallest variations were noticed in G and B, respectively. Turning to the fcc phase, we observed that E, G, and B show a non-monotonic behavior as a function of VEC. Comparing these two phases, we noticed that all presented HEAs in the hcp phase have larger E, B, and G when the VEC is below 8. We observed that the investigated HEAs are elastically more anisotropic in the fcc phase than in the hcp phase. We found that the obtained ISS for the selected Cr 20 Mn 20 Fe 20 Co 20 Ni 20 in its hcp phase is two times larger than in its fcc phase. In addition, the relaxation effect on the ISSs of the hcp phase was found to be less pronounced than that of the fcc phase. The calculated half-widths of the dislocation core for Cr 20 
Methods
The first-principles method used in this study is based on density-functional theory (DFT) 49 , and the Kohn-Sham equations were solved using the exact muffin-tin orbitals method (EMTO) [50] [51] [52] . For the self-consistent determination of the charge density and the total energy calculations, we employed the Perdew-Burke-Ernzerhof functional 53 . Here, all calculations were performed in the paramagnetic state, which was described by the disordered-local moment model 54 . The problem of chemical disorder was treated within the coherent-potential approximation (CPA) and the total energy is computed via the full charge-density technique 55, 56 . The basis set included s, p, d, and f states. Brillouin zone integrations were performed on a 33 × 33 × 33 and a 31 × 31 × 25 k-points mesh for the fcc and hcp single-crystal elastic constants calculations, respectively. In this work, for the equation of state calculations, we used the primitive cell for the fcc and hcp phases. For the elastic constants calculations, the unit cell with highest symmetry compatible with the prescribed deformation (including the unstrained state) were employed; for further methodological details, see ref. 56 . Based on the accuracy of our numerical fits to the computed energy versus strain curves and on the Brillouin zone sampling, all elastic parameters and ISSs are estimated to posses error bars below 1 GPa and 0.5 GPa, respectively. The accuracy of the EMTO-CPA method for the equation of state, elastic properties, and ideal strength of alloys has been demonstrated in a number of previous works [57] [58] [59] .
